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Abstract
Integrated Computational Materials Engineering (ICME)-based tools and techniques have been identified as the best path 
forward for distortion mitigation in thin-plate steel construction at shipyards. ICME tools require temperature-dependent 
material properties—including specific heat, thermal conductivity, coefficient of thermal expansion, elastic modulus, yield 
strength, flow stress, and microstructural evolution—to achieve accurate computational results for distortion and residual 
stress. However, the required temperature-dependent material property databases of US Navy-relevant steels are not available 
in the literature. Therefore, a comprehensive testing plan for some of the most common marine steels used in the construc-
tion of US Naval vessels was completed. This testing plan included DH36, HSLA-65, HSLA-80, HSLA-100, HY-80, and 
HY-100 steel with a nominal thickness of 4.76 mm (3/16-in.). This report is the second part of a seven-part series detail-
ing the pedigreed steel data. The first six reports will report the material properties for each of the individual steel grades, 
whereas the final report will compare and contrast the measured steel properties across all six steels. This report will focus 
specifically on the data associated with HSLA-80 steel.
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Background

The importance of lightweighting in the commercial and 
military shipbuilding sectors has gained attention in recent 
decades as a way to increase the performance capabilities of 
products while also reducing total ownership costs. Over the 
past decade, the production ratio of thin plate (10 mm [3/8-
in.] or less) to thicker plate structures for steel construction 
at Huntington Ingalls Industries—Ingalls Shipbuilding has 
risen to over 80% in the Coast Guard’s National Security 
Cutter (NSC) program. Modern naval vessel designs also 
make greater use of complex panels with inserts and cut-
outs, further increasing the fabrication complexity to achieve 
weight savings while meeting structural requirements. How-
ever, European shipbuilding research suggests that 30% of 
hull fabrication costs can be attributed to re-work and fit-up 

issues due to distortion [1]. Integrated Computational Mate-
rials Engineering (ICME)-based prediction tools can be used 
to quantify distortions associated with the fabrication pro-
cess of complex stiffened panels or other lightweight struc-
tures. These tools, once validated on selected product forms, 
could be used to establish recommended fitting, fixturing, 
welding, and assembly sequencing for optimized distortion 
control in thin-plate steel construction.

These ICME tools require detailed, reliable databases 
of temperature-dependent material properties in order to 
increase the accuracy of calculated distortion and residual 
stresses in welded metallic structures. Of highest impor-
tance to the fidelity of such models are the thermo-physical 
and thermo-mechanical properties of the material(s) being 
joined. The properties of note include specific heat, ther-
mal conductivity, coefficient of thermal expansion, elastic 
modulus, yield strength, and flow stress, from room tempera-
ture up to nearly the alloy’s melting point. The temperatures 
associated with on-heating and on-cooling phase transfor-
mations and their variation with heating rate, cooling rate, 
and peak temperature are also important for the prediction 
of stress and distortion evolution.
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While some of these data exist for the most common 
US Navy steels, these are generally not suitable for use in 
high-fidelity welding-focused computational models for 
several reasons. First, the methods of data generation are 
inconsistent because the testing was completed over many 
decades by separate researchers and programs. Also, signifi-
cant gaps exist in the data, especially at temperatures above 
approximately 400 °C (~ 750 °F). Additionally, some avail-
able data are restricted against public distribution. Finally, 
the data are, in general, subject to reliability issues because 
of changes in material fabrication and testing practices that 
have occurred in the decades since the data were generated. 
To combat this lack of comprehensive and consistent data, 
the Lightweight Innovations for Tomorrow (LIFT) project 
entitled, Robust Distortion Control Methods and Implemen-
tation for Construction of Lightweight Metallic Structures, 
was created. Generating pedigreed, temperature-dependent 
material property databases of US Navy-relevant steels was 
a key task within the LIFT project. A major portion of the 
work involved analysis of heat-affected zone (HAZ) micro-
structures, as this region of rapidly changing microstructure 
results in significant changes in resultant mechanical prop-
erties. These varied HAZ region microstructures of Navy-
relevant steels also do not have well-established mechanical 
property data, especially as a function of temperature and 
heating or cooling rate.

The testing plan included some of the most common 
marine steels used in the construction of US Naval vessels; 
namely DH36, HSLA-65, HSLA-80, HSLA-100, HY-80, 
and HY-100. HSLA is short for “high-strength low-alloy,” 
whereas HY stands for “high yield.” The number designa-
tion behind HSLA and HY is the minimum yield strength 
of the plate material in units of ksi. Current (as of this writ-
ing) specifications for these alloys can be found in refer-
ences [2–4]. Material testing for each of the six steel grades 
was performed jointly by the Welding Engineering Program 
within the Department of Materials Science and Engineering 
at the Ohio State University (OSU) and the Welding, Pro-
cessing, and Nondestructive Evaluation Branch at the Naval 
Surface Warfare Center, Carderock Division (NSWCCD). 
The temperature-dependent material property data was then 
sent to ESI for adaptation for use in their welding-based, 
finite element analysis (FEA) software colloquially known 
as SYSWELD.

This report is part of a seven-part series based on the 
pedigreed steel data. The first six reports (the first two of 
which are given in [5] for DH36 and [6] for HSLA-65) will 
focus on establishing the material properties for each of the 
individual steel grades, whereas the final report will com-
pare and contrast the measured steel properties across all 
six steels. Raw data files and microstructural images can be 
found within the Materials Commons data repository from 
the University of Michigan [7].

Approach

Material Testing Program

The material property assessment program was developed 
through inputs from welding engineers at NSWCCD, 
researchers at OSU, and modeling experts at ESI. The pro-
gram focused on generating the types of data required to 
develop Navy-relevant material databases for use by ESI’s 
commercial software, SYSWELD. The raw data could also 
be adapted for use by other FEA tools, such as MSC’s Sim-
ufact Welding or the welding module for Abaqus. Specific 
data included thermo-physical and mechanical properties 
of the alloys of interest, from room temperature up to near-
melting. Density, heat capacity, thermal conductivity, and 
coefficient of thermal expansion (CTE) were identified as 
the most important thermo-physical properties. Mechani-
cal properties of interest included the elastic modulus, 
yield strength, and flow stress.

Material from a single HSLA-80 steel plate procured to 
NAVSEA Technical Publication T9074-BD-GIB-010/0300 
(Tech Pub 300) [4], was analyzed for this project. The plate 
was acquired by Huntington Ingalls Industries—Ingalls 
Shipbuilding (HII–Ingalls) and was nominally 4.76 mm 
(3/16-in.) thick. The room temperature yield strength 
and elongation requirements for this plate thickness are 
552–758 MPa (80–110 ksi) and 14% in 50 mm (2-in.), 
respectively [4]. There are no ultimate tensile strength 
requirements for HSLA-80 plate procured to Tech Pub 300 
[4]. The plate conformance certification sheet for the mate-
rial investigated in this study is given in [7]. A portion of 
this plate was cut into 610 mm by 305 mm (24-in. by 12-in.) 
pieces and shipped to both NSWCCD and OSU for deter-
mination of temperature-dependent material properties. The 
authors would like to note that the remaining HSLA-80 plate 
material is being held at NSWCCD, so any researchers seek-
ing to expand the temperature-dependent material property 
database in future are encouraged to reach out to the cor-
responding author (C.R. Fisher). Additionally, the authors 
recognize the limitation that this dataset is for a single plate 
of HSLA-80, and does not encompass the entire compo-
sition and processing range allowed within the material’s 
specification. However, follow-on work to investigate using 
computational tools to estimate data for the entire composi-
tion range is planned.

Chemical Composition

The chemical composition of the base material was 
measured at OSU using optical emission spectroscopy in 
accordance with ASTM E415 [8].
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Heat‑affected Zone Phase Transformation Analysis

Phase transformations of HSLA-80 as a function of aus-
tenitization temperature and cooling rate were assessed via 
dilatometry. Then, continuous cooling transformation (CCT) 
diagrams were developed for four regions of the HAZ that 
are subject to microstructural transformation during weld-
ing: the intercritical region (ICHAZ); the low-temperature, 
fine-grained region (FGHAZ1); the high-temperature, fine-
grained region (FGHAZ2); and the coarse-grained region 
(CGHAZ).

The experimental heating and cooling rates were defined 
by combining typical low alloy steel production heat inputs 
(0.4–2.6 kJ/mm [10–65 kJ/in.], as suggested by HII-Ingalls 
engineers), with analytical heat flow simulations using San-
dia National Laboratories’ SmartWeld program [9]. From 
these calculations, it was determined that heating rates 
between 10 and 2000 °C/s and cooling rates between 1 and 
200 °C/s (1.8 and 360 °F/s) would provide information 
covering a sufficiently broad range of phase transformation 
behavior relevant to both slowly cooled welds (e.g., high 
heat input welds on thin plate) and rapidly cooled welds 
(e.g., low heat input welds on thick plate). Peak temperatures 
for three of the four HAZ regions were selected based on 
previous work with DH36 [5] and HSLA-65 [6]. Selection 
of the ICHAZ peak temperature required knowledge of the 
on-heating austenite transformation temperature range and 
was therefore performed after the completion of initial heat-
ing rate tests. Table 1 shows the full test matrix utilized for 
HAZ CCT diagram development.

Execution of this test matrix was performed at NSW-
CCD by employing a Gleeble 3500 thermo-mechanical 
simulation apparatus to apply the prescribed heating and 
cooling rates. All targeted temperatures and rates were 
found to be achieved by the system unless otherwise 
noted within this document. The Gleeble operates on the 

principles of resistive heating, conductive cooling through 
water-cooled fixturing, and rapid (50 kHz) control system 
feedback to apply precise thermal cycles even at rapid 
heating and cooling rates that cannot be easily achieved 
by other apparatus. The Gleeble 3500 system, in combi-
nation with the apparatus’s standard “Pocket Jaw” setup, 
used full contact copper grips and cylindrical specimens 
70 mm (2.76-in.) in length and 3 mm (0.118-in.) in diam-
eter. A linear variable differential transformer (LVDT)-
type contact extensometer was used to measure diametric 
dilation of the specimens during heating and cooling. All 
dilatometry specimens were extracted perpendicular to the 
rolling direction of the plate, and all dilatometry tests were 
performed in an argon atmosphere. An image of the typical 
experimental setup for the dilatometry testing was shown 
previously in the DH36 paper [5].

Thermo‑Physical Property Analysis

Specimens were sent to the Thermo-physical Properties 
Research Laboratory, Inc. (TPRL) in West Lafayette, IN for 
analysis of thermal diffusivity (α) and specific heat (Cp). 
Thermal diffusivity was measured using the laser flash 
method according to ASTM E1461 [10]. Specific heat was 
measured using differential scanning calorimetry (DSC) 
methods according to ASTM E1269 [11]. Coefficient of 
thermal expansion (CTE) was measured from the on-heat-
ing Gleeble dilatometry data in two regimes: 150–650 °C 
(302 to 1202 °F) for the base material microstructure, and 
1000–1300 °C (1832–2192 °F) for austenite. No attempt was 
made to determine CTE during the on-heating transforma-
tion. CTE calculations were either performed by linear fit-
ting or by discrete analysis using the dilation data endpoints 
from each temperature range in conjunction with Eq. 1. The 
material was assumed to be isotropic.

Table 1   Test matrix for HSLA-80 HAZ CCT diagram development

Test type Region Peak temperature, 
°C (°F)

Heating Rate, °C/s (°F/s) Soak Time, s Cooling 
Rate, °C/s 
(°F/s)

Ac1/Ac3 Determination N/A 1200 (2192) 10 (18)
100 (180)
200 (360)
500 (900)
1000 (1800)
2000 (3600)

N/A N/A

CCT Diagram Development ICHAZ 825 (1517) 200 (360) 2 1 (1.8)
5 (9)
10 (18)
25 (45)
100 (180)
200 (360)

FGHAZ1 1000 (1832)
FGHAZ2 1150 (2102)
CGHAZ 1350 (2462)
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where αT = Linear coefficient of thermal expansion [°C−1], 
Δd = Change in specimen diameter over the chosen tem-
perature range [cm], d0 =Initial specimen diameter [cm], 
ΔT = Temperature range [°C].

The temperature-dependent density (ρ) was calculated 
using a theoretical cubic volume element under the assump-
tion of isotropic thermal expansion:

where ρ(T) = Density at temperature T [g/cm3], ρ0 = Room 
temperature density provided by TPRL [g/cm3], V0 = Room 
temperature volume of the theoretical cubic element [cm3], 
V(T) = Volume of the theoretical cubic element at tempera-
ture T [cm3].

V0 was calculated assuming a side length equal to the 
room temperature width of OSU’s dilatometry specimens. 
This value was chosen because it corresponds to the starting 
gauge length for the dilatometer used to measure thermal 
expansion. A theoretical cubic volume element was chosen 
instead of the actual specimen dimensions to subvert poten-
tial complications with measuring dimensions that were 
not directly measured by the dilatometer (e.g., the effect of 
thermal gradients on measurement of the specimen’s longi-
tudinal expansion). VT was simply calculated by:

where w(T) = Dilatometer-measured specimen width at tem-
perature T [cm].

This method allowed calculation of the density through 
the austenite transformation. Finally, thermal conductivity 
(λ) as a function of temperature is then calculated by using 
Eq. 4:

where λ = Thermal conductivity [W/cm-°C], ρ = Density 
[g/cm3], cp = Specific heat capacity [J/g-°C], α = Thermal 
diffusivity [cm2/s].

Thermo‑Mechanical Property Analysis

Tension testing of the HSLA-80 base material at tempera-
tures between 22 and 1100 °C (72 and 2012 °F) was sub-
contracted to IMR Test Labs in Portland, OR. Room tem-
perature testing was performed in accordance with ASTM 
A370 [12], and elevated temperature testing was performed 
in accordance with ASTM E21 [13]. Specimens were of 
rectangular cross section with 12.7 mm (0.50 in.) gauge 
width and approximately 50.8 mm (2.0 in.) gauge length. 
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Testing was performed in strain control mode at target rates 
of 0.005 min−1 prior to yield and 0.05 min−1 after yield. 
Specimen dimensions were the same as used during the 
DH36 [5] and HSLA-65 [6] testing.

HAZ mechanical properties were measured using the 
Gleeble 3500 at NSWCCD. Prior to mechanical testing, 
specimens of the standard dog-bone shape were thermally 
cycled to generate different initial microstructures based 
on the results of the CCT diagram development described 
above. For HSLA-80, as with the other low alloy steels, 
microstructural analysis indicated that substantially differ-
ent microstructures formed when the material was cooled at 
1, 10, 25, and 100 °C/s (1.8, 18, 45, and 180 °F/s). Because 
of programmatic time constraints, only a peak temperature 
of 1350 °C (2462 °F) was applied to the tensile specimens. 
All specimens were heated in an argon atmosphere, and 
forced air was used to meet cooling rates of 10 °C/s (18 
°F/s) and above. All specimens were cooled to room tem-
perature prior to affixing an extensometer. The specimens 
were then reheated to the test temperature at a rate of 10 °C/s 
(18 °F/s) and soaked for 10 s before being pulled to failure 
in crosshead control mode at strain rates targeting those pre-
scribed in ASTM E21 [13]. The crosshead displacement rate 
used was 0.30 mm/min (0.012 in/min). It is acknowledged 
that this is not the most representative method of testing 
for welding-related applications because the stresses that 
develop during welding do so rapidly and while the material 
is cooling and undergoing phase transformations. However, 
given the programmatic intent of establishing the mechani-
cal behavior of specific microstructures and the need to 
avoid exposing the extensometer device to damagingly high 
temperatures, the method of cooling to room temperature 
and testing after reheating was determined to be an accept-
able compromise. In cases where the induced microstructure 
was stronger than the base material, a second reduced gauge 
section was machined in the specimen prior to testing to 
ensure specimen fracture in the region of interest, as done 
previously for DH36 [5] and HSLA-65 [6].

Thermal cycling and subsequent tensile testing were 
performed using the apparatus’s “Pocket Jaw” setup with 
minimal contact stainless steel grips used to fixture the 
specimens. These grips were selected to minimize the lon-
gitudinal thermal gradient in the gauge length of the speci-
mens during testing. Graphite foil was inserted between the 
specimen and the grips to further minimize the thermal gra-
dient. The initial gauge length for the tests varied between 8 
and 10 mm (0.31 and 0.39 in.) depending on the specimen 
geometry. Elevated temperature tests were performed in an 
argon atmosphere. Preliminary testing as part of the DH36 
test program [5] indicated that for this setup, the temperature 
variation across the initial gauge length was 10 to 30 °C 
(18–54 °F). The typical experimental setup for the tensile 
testing was the same as used for DH36 [5] and HSLA-65 [6].
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Fabrication of Welded Specimens

Two sets of HSLA-80 plates were welded at HII-Ingalls and 
sent to OSU for analysis of the base material, weld metal, 
and heat-affected zone (HAZ) microstructures. One set of 
plates was welded using the submerged arc welding (SAW) 
process in a two-sided butt joint configuration and the other 
set was welded using flux cored arc welding (FCAW) in a 
two-sided tee-joint configuration. The weldment configura-
tions were the same as used during the DH36 [5] and HSLA-
65 [6] testing. Welding parameters for both welds are given 
in Table 2. These weldments enabled correlation of the HAZ 
microstructures generated through thermal simulation with 
those produced by arc welding. The two joint configurations 
are representative of frequently used thin-plate structural 
welds: seaming butt joints and stiffener fillet joints. These 
joint types were also the focus of larger fabrication efforts 
in other tasks within the greater LIFT project as described 
in [14].

Microstructural Analysis

To quantify and characterize the microstructures observed in 
HSLA-80, thermally cycled specimens from the HAZ CCT 
diagram development were metallographically prepared to a 
final polish of 0.05 μm using standard techniques and etched 
by immersion in 4% Picral (4 g picric acid dissolved in 
100 mL ethanol) for approximately 10 s followed by immer-
sion in 2% Nital (2 mL nitric acid in 100 mL of ethanol) for 
3 to 5 s. Identification and phase fraction measurement of the 
microstructural constituents in each specimen were evalu-
ated using image analysis through light optical microscopy 
(LOM) and scanning electron microscopy (SEM). Vick-
ers microhardness testing was also used to determine the 
hardness of the constituent(s) in each CCT specimen. This 
analysis facilitated proper CCT analysis, provided phase 
fraction input for the HSLA-80 material property database, 
and helped determine which thermal cycles were the most 
appropriate for application in the mechanical testing portion 
of the program described above. Additionally, a cross section 
of both the butt joint and tee joint weldments was analyzed. 

Specimens were metallographically prepared in the manner 
described above and characterized using LOM and SEM. 
Vickers microhardness values at 200 g (7.05 oz.) load were 
taken from the fusion zone through the HAZ to the base 
material for both weldments.

The authors acknowledge the difficulties associated with 
identification and quantification of the micro-constituents 
associated with low carbon steels and associated weldments, 
as pointed out in [15–18]. Due to the nature of the program 
investigating these alloys, only LOM and SEM (paired with 
microhardness) were utilized for phase analysis. Higher res-
olution techniques such as transmission electron microscopy 
(TEM) could have been utilized as well, but other research 
groups have highlighted the difficulties using such tech-
niques for other low carbon steels and associated weldments 
[19–22]. Nevertheless, even semi-empirical quantification 
of the identified micro-constituents is vital to support the 
predictive weld simulations of this common marine steel, for 
which a temperature-dependent material database is missing 
from literature. All assumptions made for phase characteri-
zation and quantification of HSLA-80 steel are clearly stated 
within the discussion section.

Results and Discussion

All reported values without a standard deviation are for a 
single test. Any experimental precision analysis as it relates 
to uncertainty quantification should be based on the machine 
manufacturers reported values and ASTM standards noted 
in the previous “Approach” section.

Chemical Composition

Table 3 shows the averaged results of three base material 
chemistry measurements for the HSLA-80 plate, plus the 
manufacturer’s plate certification values (shown in [7]) the 
NAVSEA Tech Pub 300 HSLA-80 specifications [4], and 
results from a study conducted as part of a Navy Manu-
facturing Technology (ManTech) program with the Naval 
Metalworking Center from the mid-2000s [23]. Hereafter, 

Table 2   Nominal welding 
parameters used to fabricate 
HSLA-80 butt and tee joints

Butt Joint Tee Joint

Welding Process Submerged arc (SAW) Flux cored arc (FCAW)
Current (A) 300 200
Voltage (V) 30 27
Travel Speed (mm/s [in/min]) 14.8 (35) 6.8–7.6 (16–18)
Heat Input (kJ/mm [kJ/in]) 0.61 (15.4) 0.71–0.79 (18–20.3)
Consumable Designation(s) AWS A5.23 EM12K AWS A5.20 E71T-1
Filler Wire Diameter (mm [in]) 3.2 (0.125) 1.3 (0.052)
Interpass Temperature, Max. (°C [°F]) 149 (300) 149 (300)
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data from the ManTech study are labeled “CTC” for Con-
current Technologies Corporation, where the testing was 
conducted. Plate material used in that study was nominally 
19.05 mm (0.75-in) thick. As expected, the measured chemi-
cal composition values generally agreed with the manufac-
turer’s plate certification and were well within the ASTM 
specifications. The carbon equivalency number (CEN) was 
calculated according to [24]. The individual measurements 
made by OSU to obtain the average composition values are 
located in [7].

Base Metal Microstructure

The microstructure of the HSLA-80 base metal is shown 
in the light optical micrograph of Fig. 1. The microstruc-
ture is entirely quasipolygonal ferrite. As the base metal 
was subjected to a precipitation aging heat treatment by the 

manufacturer, the presence of ε-Cu precipitates is presumed, 
but they could not be resolved via LOM. The average Vick-
ers microhardness of the base metal was 246 ± 8.2 HV200.

Observing the HSLA-80 base metal in both the longitu-
dinal and transverse planes revealed irregular grains with 
no significant evidence of rolling texture. The grain size 
was measured using the “intercept method” detailed in 
ASTM E1382 [25]. Using this technique, a circle is drawn 
at random locations within a micrograph, and the number 
of times a grain boundary intercepts that circle is used to 
calculate the average grain size. Using a circle instead of a 
line ensured that rolling texture that may have been present 
would not bias results. Measurements were taken three times 
on a sample of base metal with the average ASTM grain size 
calculated to be G = 13.2.

Heat‑affected Zone Phase Transformation Analysis

Dilation Curve Analysis Method

Figure 2 shows a representative on-heating portion of a 
Gleeble-generated dilatometry curve. The black curve (left 
axis) represents the change in sample diameter with temper-
ature, and nonlinearity in the curve is indicative of a phase 
transformation’s occurrence. Nonlinearity is shown in the 
red derivative curve (right axis). Linear extrapolations of 
the black curve are shown by the blue lines. In this case, the 
transformation of interest is that of the HSLA-80 base metal 
microstructure to austenite.

Two methods for extracting start and finish temperatures 
for phase transformations from Gleeble dilatometry data are 
commonly used. The first method involves superimposing 
a straight line of matching slope along the low-temperature 
portion of the dilation curve and extrapolating it past the 
onset of transformation. The point at which the experimental 
data begins to deviate from the straight line is then taken as 

Table 3   Chemical composition of HSLA-80 plate material (wt.%)

Type C Mn P S Si Ni Cr Mo Cu

Measured Avg 0.040 0.56 0.011 0.001 0.26 0.90 0.67 0.20 1.11
Plate Certificate 0.04 0.56 0.011 0.004 0.26 0.85 0.70 0.20 1.17

0.04 0.58 0.012 0.004 0.27 0.88 0.70 0.20 1.18
Tech Pub 300 [4]  ≤ 0.06 0.40–0.70  ≤ 0.020  ≤ 0.004  ≤ 0.40 0.70–1.00 0.60–0.90 0.15–0.25 1.00–1.30
CTC [23] 0.05 0.64 0.009 0.022 0.2 0.95 0.85 0.2 1.23

Type Nb Al Ti As Sb V Sn N Fe CEN [24]

Measured Avg 0.030 0.036 0.001 0.005 0.023 0.003 0.011 0.010 Bal 0.252
Plate Certificate 0.027 0.032 0.001 0.0030 0.0020 0.002 0.009 0.0082 Bal 0.253

0.030 0.033 0.001 0.0030 0.0020 0.002 0.010 0.0080 Bal 0.257
Tech Pub 300 [4] 0.02–0.06  ≥ 0.015  ≤ 0.02  ≤ 0.025  ≤ 0.025  ≤ 0.03  ≤ 0.03 – Bal –
CTC [23] 0.04 0.01 – – –  < 0.01 – – Bal 0.295

Fig. 1   Representative micrograph of HSLA-80 steel plate base metal 
microstructure at 1000 × magnification using LOM
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the transformation start temperature. The same technique 
is then used to find the transformation finish temperature, 
with the straight line being extrapolated backward from the 
high-temperature portion of the curve after the transforma-
tion. The second method involves calculating and plotting 
the derivative of the dilation curve. Then the points at which 
the derivative begins to deviate from a constant value are 
taken as the transformation start and finish temperatures. 
Both methods for determining phase transformation tem-
peratures are inherently somewhat subjective, and both also 
have advantages and disadvantages. The linear extrapola-
tion method is faster and easier to interpret but is difficult 
to use when multiple transformations occur. The derivative 
method is more quantitative and can more easily distinguish 
multiple transformations but can be difficult to interpret 
when the dilation data are noisy. For this work, the linear 
extrapolation method was chosen as the primary method of 
data analysis, and the derivative method was used as a com-
plementary technique for distinguishing concurrent phase 
transformations. Both methods are shown in Fig. 2, where 
the derivative curve is displayed in red (right axis) and the 
linear extrapolations are displayed in blue.

Austenite Transformation Temperature Measurement

On-cooling solid-state, phase transformation temperatures 
and products in steels can vary substantially with peak 
temperature due to differences in austenite grain size at 
different peak temperatures [26–29]. Thus, it is expected 
that each of the investigated HAZ regions would produce 
slightly different CCT diagrams. The residual stress (and 

subsequent distortion) that develops during weld cooling is 
greatly influenced by: (1) the microstructure that forms on 
cooling and (2) the temperature difference between the end 
of the on-cooling transformations and the final tempera-
ture of the component. Thus, full analysis must include as 
much HAZ phase transformation behavior as possible in 
order to provide the most complete and accurate material 
database for welding simulations.

Figure 3 presents the variation in austenite transfor-
mation behavior as a function of heating rate for HSLA-
80 base material. As shown, the austenite transformation 
start temperature (Ac1) increases significantly as heating 
rate increases toward 200 °C/s (360 °F/s). This is a con-
sequence of thermal diffusion during increasingly rapid 
heating outpacing the mass diffusion required for the trans-
formation to take place. In contrast, the austenite transfor-
mation finish temperature (Ac3) remains more stable across 
the experimental heating rate range. Researchers who have 
investigated similar behavior in other ferrous materials 
have associated heating rate dependencies of the austen-
ite transformation with those of the controlling diffusion 
mechanism (i.e., volume carbon diffusion or grain bound-
ary substitutional element diffusion), the ferrite recrystal-
lization process, and/or austenite nucleation and growth 
rates [30–32]. These data are important for the refinement 
of welding simulation results because different regions of 
a weldment and its HAZ are subject to significantly dif-
ferent heating rates during the welding process. Thus, the 
on-heating transformation behavior must be incorporated 
in order to accurately predict which areas around the weld 
will transform to austenite, and will therefore be subject to 
re-transformation (and associated changes in mechanical 
properties and residual stresses) during cooling. Data from 
CTC as part of the Navy ManTech program are included 
for comparison [23]. The raw data points for Fig. 3 can be 
found at [7].

Fig. 2   Representative on-heating dilatometry curve for HSLA-80 
steel, showing the linear extrapolation and derivative curve methods 
for evaluating the ferrite to austenite reaction. Black curve, left axis: 
dilation data. Red curve, right axis: derivative of dilation data. Blue 
lines: extrapolation lines for determining transformation start (Ac1) 
and finish (Ac3) temperatures

Fig. 3   Variation in austenite transformation start and finish tempera-
tures with heating rate for HSLA-80 material. CTC data from [23]
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Continuous Cooling Transformation Diagrams

On-cooling, solid-state phase transformation temperatures 
and products in steels can vary substantially with peak tem-
perature due to differences in austenite grain size at differ-
ent peak temperatures [26–29]. It was therefore expected 
that each of the investigated HAZ regions would produce 
slightly different CCT diagrams. The residual stress (and 
subsequent distortion) that develops during weld cooling is 
greatly influenced by: (1) the microstructure that forms on 
cooling and (2) the temperature difference between the end 
of the on-cooling transformations and the final temperature 
of the component. Thus, full analysis must include as much 
HAZ phase transformation behavior as possible in order to 
provide the most complete and accurate material database 
for welding simulations.

CCT diagrams, assembled from dilatometry of HSLA-
80 thermally cycled to peak temperatures representative 
of the four selected HAZ regions, are given in Figs. 4, 5, 
6, 7. The austenite transformation temperatures described 
above allowed for use of an ICHAZ simulation temperature 
of 825 °C (1517 °F) for HSLA-80, which was the same as 
that used for HSLA-65 [6] but 50 °C (90 °F) lower than the 
temperature used for DH36 [5]. The Ac1 and Ac3 tempera-
tures labeled on the CCT diagrams are averages calculated 
from the individual Ac1 and Ac3 values for all of the CCT 
specimens. The black curves are the actual specimen cool-
ing curves. The target cooling rates for all specimens except 
those cooled at 100 and 200 °C/s (180 and 360 °F/s) were 
maintained through the on-cooling phase transformations. 
The latent heat released during low-temperature transforma-
tion slowed the cooling rates of both the 100 °C/s (180 °F/s) 
and the 200 °C/s (360 °F/s) tests with peak temperatures of 

1150 and 1350 °C (2102 and 2462 °F). As a result the target 
cooling rate was maintained until the start of the transfor-
mation, but was slowed as the transformations occurred for 
samples cooled at 100 and 200 °C/s (180 and 360 °F/s). The 
raw data for these figures (and all CCT-related information) 
is given in [7] as raw Gleeble 3500 data files (.d0#) based 
on their cooling rates as well as in spreadsheet format for 
calculated data.

The colored symbols in Figs. 4, 5, 6, 7 correspond to 
the start and finish temperatures for the various on-cooling 
phase transformations. Three regimes of on-cooling transfor-
mation start temperatures were observed across the cooling 
rate range assessed in this work. The first, associated with 

Fig. 4   CCT diagram for HSLA-80 heated to peak temperature of 
825 °C (1517 °F)

Fig. 5   CCT diagram for HSLA-80 heated to peak temperature of 
1000 °C (1832 °F)

Fig. 6   CCT diagram for HSLA-80 heated to peak temperature of 
1150 °C (2102 °F)
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ferrite, occurred at high temperatures (567–761 °C [1053 to 
1402 °F]) and is denoted in Figs. 4, 5, 6, 7 by blue square 
symbols. The start of this transformation generally occurred 
near Ac1, though it decreased with increasing peak tempera-
ture and increasing cooling rate. The second type of trans-
formation identified is indicated by green triangle symbols, 
representing the bainite transformation. This transformation 
started from 38 to 78 °C (100–172 °F) below the start of the 
higher temperature transformation, with the difference in 
temperatures dropping as peak temperature increased. The 
third transformation product identified in the CCT diagrams, 
indicated as orange triangle symbols, generally started form-
ing at temperatures of 472 to 498 °C (882–928 °F) and was 
only observed at cooling rates of 25 °C/s (45 °F/s) and 
higher. The association of this transformation with high 
peak temperatures indicates that this transformation product 
is influenced by precipitate dissolution and prior austenite 
grain (PAG) size. Identification of these transformations is 
discussed in more detail below, but for interpretation of the 
diagrams presented in Figs. 4, 5, 6, 7, the blue, red, green, 
and orange symbols reflect ferrite, bainite, and martensite 
transformations, respectively.

The effects described above are summarized in an alter-
nate way in Figs. 8, 9, 10. Figure 8 gives the variation in 
transformation start temperature for the ferrite transforma-
tion as a function of peak temperature and cooling rate. 
As shown, for a given cooling rate, increasing the peak 
temperature generally suppresses the onset of the trans-
formation, resulting in lower start temperatures. This most 
likely occurs because PAG size increases with increasing 
peak temperature, resulting in less grain boundary area 
and therefore fewer nucleation sites for transformation. 
For each cooling rate, transformation start temperatures 

decreased by an average of 48 ± 23 °C (118 ± 73 °F) when 
compared to the temperature associated with the next 
highest peak temperature. The onset of transformation is 
additionally suppressed by undercooling as cooling rate 
is increased. As a result, transformation start temperature 

Fig. 7   CCT diagram for HSLA-80 heated to peak temperature of 
1350 °C (2462 °F)

Fig. 8   Variation of start temperature for the ferrite transformation 
shown in Figs. 4, 5, 6, 7

Fig. 9   Variation of start temperature for the bainite transformation 
shown in Figs. 4, 5, 6, 7

Fig. 10   Variation of start temperature for the martensite transforma-
tion shown in Figs. 4, 5, 6, 7
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decreased by an average of 26 ± 23 °C (79 ± 74 °F) for 
each step in cooling rate tested.

Figure 9 shows that the bainite transformation start tem-
perature did not vary substantially with either peak tempera-
ture or cooling rate. All transformation start temperatures 
fell within the range of 533 to 570 °C (991–1058 °F). It 
was expected that the bainite transformation temperatures 
would follow similar trends to those observed for the ferrite 
transformation, but the small dataset makes trends difficult 
to confirm.

Martensite was the final transformation product exam-
ined, with measured temperatures recorded in Fig. 10. As 
was the case for bainitic transformation temperatures, the 
small sample size did not reveal any strong trends associ-
ated with peak temperature. Transformations for samples 
cooled at or above 100 °C/s (180 °F/s) began in the range of 
486–498 °C (907–928 °F). The specimen heated to a peak 
temperature of 1350 °C (2462 °F) and cooled at 25 °C/s (45 
°F/s) had a slightly lower transformation start temperature 
of 472 °C (882 °F). This may be due to the formation of 
primary ferrite, which was not observed in the more rapidly 
cooled samples. The low solubility of carbon in ferrite would 
have enriched the remaining austenite in carbon prior to 
transformation, thereby stabilizing it to lower temperatures.

In order to confidently establish the identities of the on-
cooling phase transformations, LOM was performed on all 
dilatometry specimens, and select specimens were analyzed 
via SEM. Individual micrographs collected from the dilato-
metry specimens are found at [7]. Additionally, the meas-
ured microhardness for each specimen is shown in Fig. 11 
with raw data found at [7]. For this discussion, the following 
definitions for the morphology of microstructural constitu-
ents are adopted [33–37]. However, the authors recognize 
that, particularly for bainite, there are alternative and more 

detailed definitions available in the literature and readers are 
recommended to investigate further as needed [15–17, 34, 
38]. The typical definitions for crystal structure and compo-
sition of the constituents are assumed.

Primary ferrite (FP)—Carbide-free grain boundary or 
intragranular allotriomorphic or idiomorphic ferrite, 
encompassing polygonal (straight grain boundaries) and 
quasipolygonal (irregular grain boundaries) morphologies
Acicular ferrite (AF)—Fine, interlocking structure 
formed by impingement of multiple Widmanstätten plates 
growing from intragranular inclusions
Martensite-austenite constituent (M/A)—Structure rep-
resented by a combination of martensite and residual 
austenite
Bainite (B)—General term for fine aggregates of ferrite 
laths or plates and cementite particles
Lath martensite (ML)—Martensite laths with highly dis-
located substructure which are grouped into larger pack-
ets

The authors note that for the remainder of this section the 
labeling of the micro-constituents in Figs. 12, 13, 14, 15, 16, 
17 is difficult and in some cases somewhat speculative, based 
on the limitations of the resolution provided by the metal-
lography and optical microscopy techniques employed, even 
when considering the correlations between the SEM results 
and these optical micrographs. Representative micrographs 
of all CCT specimens heated to 825 °C (1517 °F) are shown 
in Figs. 12, 13. This peak temperature falls between Ac1 and 
Ac3 (779 and 867 °C [1434 and 1593 °F], respectively) in 
order to achieve partial transformation to austenite prior to 
cooling. This partial transformation is expected to occur via 
austenite nucleation at the triple points and grain boundaries 
as the ferrite solvus temperature is exceeded [35].

Slowly cooled samples did not retain microstructures 
from the original base material. The samples subjected to 
1, 5, 10, and 25 °C/s (1.8, 9, 18, and 45 °F/s) cooling rates 
(shown in Fig. 12a–d) all exhibited a mixture of primary 
ferrite with quasipolygonal morphology and M/A constitu-
ent. The proportions of martensite and austenite in the M/A 
constituents could not be determined through optical or elec-
tron microscopy. Additionally, ε-Cu precipitates in HSLA-
80 have been reported to be less than 5 nm (2 × 10–7-in.) 
in size, so evaluating the impact of HAZ thermal cycling 
on these precipitates was not within the scope of micros-
copy in this work. Any volumetric change associated with 
ε-Cu dissolution was not large enough to identify on dila-
tion curves. For HSLA-80, the dissolution of second phases 
including ε-Cu was determined in CTC investigations to fin-
ish at 880 °C (1616 °F) at slow heating rates [23]. Further, a 
study by Bhagat et al. indicated that under isothermal aging 
conditions, dissolution of copper precipitates in an HSLA 

Fig. 11   Measured Vickers microhardness for HSLA-80 dilatometry 
specimens as a function of peak temperature and cooling rate. Error 
bars are one standard deviation. Values are the average of 10 indents
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steel sample began at 650 and 700 °C (1202 and 1292 °F) 
after being held for 20 and 4 min, respectively, as evidenced 
by an increase in experimentally measured resistivity [39]. 
The sample studied by Bhagat et al. had a composition that 
was similar to that of HSLA-80, but the Ni content of 3.39 
wt.% fell well outside the range of 0.70–1.00 wt.% specified 
by Tech Pub 300 [4]. Mn, Cr, Mo, and Cu were also slightly 
higher than the respective allowable ranges for HSLA-80. 
Thermo-Calc 2020b and the TCFE9 databases were used in 
this study to calculate an ε-Cu dissolution temperature of 
approximately 730 °C (1346 °F) for the HSLA-80 composi-
tion reported in Table 3 [40]. It is therefore unclear whether 
ε-Cu precipitates persisted at the 825 °C (1517 °F) ICHAZ 
peak temperature, but complete dissolution was expected 
for all higher peak temperature samples. SYSWELD does not 
explicitly account for M/A constituent or precipitates of any 
kind, so phase fractions of these specimens were reported to 
be entirely ferrite, as shown in Table 4. The authors specu-
late this is due to limitations in the number of “phases” avail-
able for a user to input into the SYSWELD software code, 

which is set at six. As this set of six “phases” must include 
both the liquid phase and a fictive phase to represent weld 
material prior to melting, the remaining four solid phases 
limits the software’s ability to handle all of the different 
micro-constituents associated with HSLA-type steels.

The average size of the M/A constituent appeared to 
decrease as cooling rate increased. Evidence of M/A con-
stituent banding was present in the 1 °C/s (1.8 °F/s) and, to a 
lesser degree, in the 5 °C/s (9 °F/s) specimens. M/A constit-
uent formation requires local carbon enrichment. Austenite 
has a significantly higher solubility for carbon than ferrite 
does, so partial transformation of the ferritic base material 
into austenite would have encouraged diffusion of carbon 
from ferritic regions to austenitic ones. Further, banding of 
alloying elements or impurities is a common phenomenon 
in rolled plate. A calculation performed using Thermo-Calc 
2020b and the TCFE9 thermodynamic database [40] pre-
dicted that the chemical potential of carbon would be lower 
in areas where remnant macrosegregation of substitutional 
elements was present, further driving diffusion toward those 

Fig. 12   Representative micro-
structures from HSLA-80 
dilatometry specimens heated 
to a peak temperature of 825 °C 
(1517 °F) and continuously 
cooled at various rates. a–f 1, 5, 
10, 25, 100, and 200 °C/s (1.8, 
9, 18, 45, 180, and 360 °F/s)
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areas. This effect was predicted for every intentional alloy-
ing addition with the exception of Si and Mo, which had the 
opposite effect.

Diffusion of carbon toward banded regions of alloying 
elements explains the presence of M/A constituent in bands 
upon cooling. The absence of such banding in specimens 
heated to higher peak temperatures is expected, as these 
samples spent more time in high-temperature regimes. These 
temperatures are associated with higher mobility of alloying 
elements, and with sufficient time they are able to thoroughly 
diffuse and create a homogeneous distribution rather than 
one with locally enriched regions. Increased cooling rates 
were also associated with an increasing number of small 
precipitates. Microhardness increased slightly from 173 to 
208 HV200 for samples cooled from 1 to 25 °C/s (1.8–45 
°F/s). This is likely due to two simultaneous phenomena: 
first, strengthening from the increased number of precipi-
tates; and second, a Hall–Petch effect from the decreased 
ferrite grain size in recrystallized areas, as is qualitatively 
apparent in Fig.  12a–d. Only one transformation was 

detected in the on-cooling dilation data for each of these 
samples. Transformation start temperatures remained stable 
at approximately 761 °C (1402 °F) across this range of cool-
ing rates, with the exception of the sample cooled at 5 °C/s 
(9 °F/s), with a measured transformation start temperature 
of 749 °C (1380 °F). Transformation finish temperatures fell 
from 653 to 624 °C (1207 to 1155 °F), with a slight increase 
to 663 °C (1225 °F) for the sample cooled at 5 °C/s (9 °F/s). 
As was seen during previous investigations of DH36 [5] and 
HSLA-65 [6] steels, there was no discernible transformation 
temperature for M/A constituent; rather, the temperatures 
described were associated with transformation from austen-
ite to ferrite.

Samples cooled at 100 and 200 °C/s (180 and 360 °F/s) 
were composed of fine quasipolygonal ferrite, M/A con-
stituent, and precipitates of approximately 0.1–0.2  μm 
(3.9–7.9 × 10–6-in.) in diameter, as shown in Fig. 13. Identifi-
cation of precipitation composition was outside the scope of 
the present investigation, as such attributes are not explicitly 
accounted for in finite element welding process models. It is 

Fig. 13   SEM images of the 
microstructure of a HSLA-80 
dilatometry specimen heated to 
a peak temperature of 825 °C 
(1517 °F) and rapidly cooled. 
Red boxes overlaid on images 
in the left column demarcate 
the location of the higher 
magnification images in the 
right column. a–f 25, 25, 100, 
100, 200, 200 °C/s (45, 45, 180, 
180, 360, 360 °F/s). Constitu-
ents identified as carbonitrides 
(CN) were not compositionally 
characterized but are presumed 
based on the known metallurgy 
and composition of the alloy
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assumed that these include niobium-carbonitride [Nb(CN)] 
precipitates, as these are intentionally induced in HSLA-80 
base material for precipitation strengthening but would not 
have dissolved into solid solution at such a low peak tem-
perature [27]. It should be noted that the labeled Nb(CN) 
precipitates can appear to be larger than might be expected 
due to etching and imaging effects within the SEM. Addi-
tionally, it is also assumed that other, finer Nb(CN) could 
well have been present but are not resolved. Transformation 
start temperatures of 685 and 691 °C (1265 and 1276 °F) 
were slightly lower than those measured for more slowly 
cooled specimens, with finish temperatures of 543 and 
540 °C (1009 and 1004 °F), respectively.

It is acknowledged that the phase fraction of the two rap-
idly cooled specimens qualitatively appears to have a high 
proportion of M/A constituent. This dark-etched constituent 
bears a resemblance to martensite and, as the name implies, 
may be partially composed of martensite. Despite this, the 
high transformation temperatures, the low microhardness 
values of 209 and 220 HV200, and the absence of martensite 

in rapidly cooled samples heated to the next highest peak 
temperature of 1000 °C (1832 °F) support the identification 
of M/A constituent. As discussed previously, for the pur-
poses of SYSWELD simulations this is not considered to be 
a distinct phase and is reported as 100% ferrite in Table 4. 
However, due to the sheer quantity in these samples, other 
investigations may benefit from closer examination and char-
acterization of this constituent.

Optical micrographs of HSLA-80 specimens heated to 
1000 °C (1832 °F) are shown in Fig. 14 with measured 
phase fractions in Table 5. These samples were intended 
to reproduce FGHAZ microstructures and thus were fully 
austenitized prior to cooling. The microstructures observed 
in samples cooled from 1–25 °C/s (1.8–45 °F/s) were the 
same as those formed in the corresponding ICHAZ sam-
ples: primary ferrite and M/A constituent. The higher 
peak temperature produced a slightly larger grain size in 
the sample cooled at 1 °C/s (1.8 °F/s) due to the increased 
time available for grain growth above Ac3. The M/A con-
stituent banding that was observed in slowly cooled ICHAZ 

Fig. 14   Representative micro-
structures from HSLA-80 
dilatometry specimens heated to 
a peak temperature of 1000 °C 
(1832 °F) and continuously 
cooled at various rates. a–f 1, 5, 
10, 25, 100, and 200 °C/s (1.8, 
9, 18, 45, 180, and 360 °F/s)
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samples was absent in samples heated to 1000 °C (1832 °F), 
likely because increased time at high temperature allowed 
diffusion of alloying elements and partial homogenization 
of the austenitic solid solution. Microhardness values mir-
rored those of the lower peak temperature at cooling rates 
less than 25 °C/s (45 °F/s), falling between 180 and 205 
HV200. Microhardness for the 25 °C/s (45 °F/s) cooled sam-
ple was 225 ± 15 HV200, which is 17 HV200 lower than the 
corresponding ICHAZ sample as a result of the finer grain 
structure. Transformation start temperatures for these four 
cooling rates fell from 760 to 673 °C (1400 to 1243 °F) as 
cooling rate increased.

Samples cooled at 100 and 200 °C/s (180 and 360 °F/s) 
were predominantly composed of fine quasipolygonal ferrite. 
Undercooling caused a drop in transformation temperatures 
to 640 and 634 °C (1183 and 1243 °F), respectively, driving 
a morphological shift from the relatively equiaxed ferrite 
found in more slowly cooled samples. A substantial increase 
in microhardness was associated with this change in mor-
phology, rising to 248 ± 21 and 262 ± 6 HV200 for the 100 

and 200 °C/s (180 and 360 °F/s), respectively. In addition to 
ferrite, there appeared to be small packets of bainite. These 
are visible in Fig. 15 as small packets of aligned ferrite laths.

The visual difference between ferrite and bainite can be 
subtle, particularly when small prior austenite grain sizes 
do not allow for the growth of long, high aspect ratio laths. 
Various constitutive equations for predicting the start tem-
peratures for bainite and martensite transformations based 
on alloy chemistry are available in the literature [41, 42]. 
Such models are generally oversimplifications and often are 
only accurate for alloys similar to those used to create them, 
but they can act as a guide for reasonable temperatures at 
which to expect formation of intermediate and low-temper-
ature phases. As such, the models developed by Capdevilla 
et al. [43] and Kirkaldy [44] were applied to the averaged 
HSLA-80 composition given in Table 3:

(5)

Ms = 491.05 − 302.6wC − 30.6wMn − 16.6wNi − 8.9wCr

+ 2.4wMo − 11.3wCu + 8.58wCo + 7.4wW − 14.5wSi

Fig. 15   SEM images of the 
microstructure of a HSLA-80 
dilatometry specimen heated to 
a peak temperature of 1000 °C 
(1832 °F) and rapidly cooled. 
Red boxes overlaid on images 
in the left column demarcate 
the location of the higher 
magnification images in the 
right column. a–f 25, 25, 100, 
100, 200, 200 °C/s (45, 45, 180, 
180, 360, 360 °F/s). Constitu-
ents identified as carbonitrides 
(CN) were not compositionally 
characterized but are presumed 
based on the known metallurgy 
and composition of the alloy
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where Ms = martensite start temperature (°C), Bs = 
bainite start temperature (°C), wi = concentration of ele-
ment i (wt.%).

From Eqs. 5 and 6, the Ms and Bs temperatures for 
HSLA-80 are predicted to be 425 °C (798 °F) and 571 °C 
(1060 °F), respectively. The temperature ranges observed 
in rapidly cooled samples heated to 1000 °C (1832 °F) are 
640–507 °C (1184–945 °F) and 634–503 °C (1173–937 
°F), encompassing the predicted bainite transformation 
temperature. This and the relatively high microhard-
ness values of 248 ± 20 and 262 ± 6 HV200 both support 
identification of the secondary phase as bainite. Primary 
ferrite and bainite are both shown in the micrographs in 
Fig. 15c–f. Featureless grains with no internal texture 
aside from the occasional carbonitride were identified as 
primary ferrite. Grains that were populated with aligned, 
high aspect ratio laths were identified as bainite.

(6)
Bs = 656 − 57.7wC − 75wSi − 35wMn − 15.3wNi − 32wCr − 41.2wMo

Representative microstructures of samples heated to 
1150 °C (2102 °F) are shown in Fig. 16 with measured phase 
fractions reported in Table 6. Samples cooled at rates from 
1–10 °C/s (1.8–18 °F/s) resulted in mixtures of polygonal 
and quasipolygonal ferrite interspersed with small islands 
of M/A constituent. These are the same phases associated 
with slow cooling for the two lower peak temperatures, 
but the 1150 °C (2102 °F) temperature was sufficient for 
grain growth. Increasing cooling rate to 25 °C/s (45 °F/s) 
introduced acicular ferrite and bainite to the quasipolygo-
nal ferrite and M/A constituent observed in more slowly 
cooled samples. Transformation start and finish tempera-
tures both fell as cooling rate increased, dropping from 665 
to 612 °C (1129 to 1134 °F) and from 503 to 472 °C (937 
to 882 °F), respectively. Similarly, microhardness increased 
from 222 ± 7 to 261 ± 12 HV200 with the shift from the softer 
phases formed during slow cooling.

Cooling rates of 100 and 200 °C/s (180 and 360 °F/s) 
were too rapid for formation of ferrite. Instead, micro-
structures consisted of a mixture of bainite and martensite, 

Fig. 16   Representative micro-
structures from HSLA-80 
dilatometry specimens heated to 
a peak temperature of 1150 °C 
(2102 °F) and continuously 
cooled at various rates. a–f 1, 5, 
10, 25, 100, and 200 °C/s (1.8, 
9, 18, 45, 180, and 360 °F/s)
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as shown in Fig. 16e–f. The differentiation between the 
two phases was based on the relative grayscale color of the 
different areas (i.e., lighter vs. darker) as well as morpho-
logical differences in the lath structure. The bainite start 
temperature was measured to be 551 and 565 °C (1024 
and 1049 °F) for the 100 and 200 °C/s (180 and 360 °F/s) 

samples, respectively. While the martensite start tempera-
ture was difficult to discern from the dilation data, the 
finish temperatures were 412 and 409 °C (774 and 768 
°F), respectively. As expected, microhardness was higher 
than all previously discussed specimens at 282 ± 18 and 
277 ± 9 HV200.

Fig. 17   Representative micro-
structures from HSLA-80 
dilatometry specimens heated to 
a peak temperature of 1350 °C 
(2462 °F) and continuously 
cooled at various rates. a–f 1, 5, 
10, 25, 100, and 200 °C/s (1.8, 
9, 18, 45, 180, and 360 °F/s)

Table 4   Measured phase fraction of HSLA-80 CCT specimens ther-
mally cycled to a peak temperature of 825 °C (1517 °F)

Cooling Rate Peak Tempera-
ture = 825 °C (1517 °F)

°C/s °F/s F + M/A B M

1 1.8 1.0 0 0
5 9 1.0 0 0
10 18 1.0 0 0
25 45 1.0 0 0
100 180 1.0 0 0
200 360 1.0 0 0

Table 5   Measured phase fraction of HSLA-80 CCT specimens ther-
mally cycled to a peak temperature of 1000 °C (1832 °F)

Cooling Rate Peak Tempera-
ture = 1000 °C (1832 °F)

°C/s °F/s F + M/A B M

1 1.8 1.0 0 0
5 9 1.0 0 0
10 18 1.0 0 0
25 45 1.0 0 0
100 180 0.98 0.02 0
200 360 0.94 0.06 0
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The last set of samples were heated to 1350 °C (2462 
°F) in order to simulate the CGHAZ. Representative opti-
cal micrographs are presented in Fig. 17 and corresponding 
phase fractions are reported in Table 7. As previously stated, 
the differentiation between the various phases was based 
on the relative grayscale color of the different areas (i.e., 
lighter vs. darker) as well as morphological differences, in 
particular: aspect ratio, orientation with respect to adjacent 
features (e.g., laths and prior austenite grain boundaries), 
and the presence or absence of intragranular texture. HSLA-
80 derives strength from both ε-Cu and Nb(CN) precipitates, 
which pin austenite grain boundaries and maintain a fine 
grain structure [27]. At temperatures above equilibrium dis-
solution temperature, precipitates dissolve into solid solu-
tion and allow for unhindered austenite grain growth. This 
is demonstrated in the specimen cooled at 1 °C/s (1.8 °F/s), 
which presented significantly larger ferrite grains than those 
formed at lower peak temperatures. As noted above, Bhagat 
et al. indicated that under isothermal aging conditions, dis-
solution of copper precipitates occurred at 650 °C (1202 °F) 
[39], and calculations in this study predicted an ε-Cu disso-
lution temperature near 730 °C. From this, it can be assumed 
that dissolution of ε-Cu precipitates was complete for each 
peak temperature investigated, and thus does not explain 
the increased grain size only observed at the 1350 °C (2462 

°F) peak temperature. Shome and Mohanty [27] calculated 
Nb(CN) precipitate dissolution by applying the invariant size 
model to a precipitate size of 0.02 μm (7.9 × 10–7-in.). For 
heat inputs of 10 and 40 kJ/cm (25.4 and 101.6 kJ/in), dis-
solution temperature was predicted to be 1245 and 1200 °C 
(2273 and 2192 °F), respectively. No attempt was made to 
identify precipitate dissolution temperatures in the present 
study, but the significant increase in grain size between peak 
temperatures of 1150 and 1350 °C (2102 and 2462 °F) is 
consistent with dissolution temperatures predicted by Shome 
and Mohanty [27]. High-temperature phase dissolution was 
also predicted using Thermo-Calc 2020b and the TCFE9 
database [40]. Under the equilibrium conditions assumed 
in the calculations, dissolution of Nb(CN) was predicted to 
occur at approximately 1115 °C (2039 °F). Though precipi-
tate size was not quantified during this study, it is likely that 
Gleeble test conditions more closely mirrored those exam-
ined in the study by Shome and Mohanty, with precipitate 
dissolution temperatures approaching temperatures at or 
above 1200 °C (2192 °F) [27]. This is further suggested 
by the lack of significant grain growth observed in samples 
heated to 1150 °C (2102 °F). The minute volumetric change 
associated with precipitate evolution and dissolution meant 
that neither could be detected in dilatometry curves to con-
firm this conclusion.

As shown in Fig. 17a, the sample cooled at 1 °C/s con-
sisted of primary ferrite decorating large prior austenite 
grain boundaries along with quasipolygonal ferrite that had 
formed intragranularly. The association of FGB with prior 
austenite grains is more readily apparent at lower magni-
fications due to the large prior austenite grain size. Small 
islands of dark-etched M/A constituent were also present, 
dispersed among the quasipolygonal ferrite. The large prior 
austenite grain size corresponds with a smaller total length 
of grain boundary. Without these energetically favorable 
ferrite nucleation points, ferrite formation was suppressed 
below transformation temperatures observed in previous 
specimens—transformation start and finish temperatures 
were 653 and 524 °C (1207 and 975 °F), respectively. The 
increased proportion of quasipolygonal ferrite (compared 
to polygonal ferrite) is associated with a higher hardness 
than seen in slow-cooled samples with lower peak tempera-
tures, measuring 230 ± 6 HV200. Grain boundary ferrite was 
eliminated from the sample cooled at 5 °C/s (9 °F/s), leav-
ing a mixture of quasipolygonal ferrite and M/A constitu-
ent. Bainite was introduced to that mixture in the sample 
cooled at 10 °C/s (18 °F/s), taking the form of high aspect 
ratio ferrite grains with an aligned second, dark-etched phase 
between laths. The low alloy content was responsible for 
the discontinuous nature of that secondary phase. The large 
prior austenite grain size discussed previously discour-
aged formation of polygonal ferrite, allowing formation of 
bainite at lower cooling rates than observed for lower peak 

Table 6   Measured phase fraction of HSLA-80 CCT specimens ther-
mally cycled to a peak temperature of 1150 °C (2102 °F)

Cooling Rate Peak Tempera-
ture = 1150 °C (2102 °F)

°C/s °F/s F + M/A B M

1 1.8 1.0 0 0
5 9 1.0 0 0
10 18 1.0 0 0
25 45 0.85 0.15 0
100 180 0 0.76 0.24
200 360 0 0.62 0.38

Table 7   Measured phase fraction of HSLA-80 CCT specimens ther-
mally cycled to a peak temperature of 1350 °C (2462 °F)

Cooling Rate Peak Tempera-
ture = 1350 °C (2462 °F)

°C/s °F/s F + M/A B M

1 1.8 1.0 0 0
5 9 1.0 0 0
10 18 0.80 0.20 0
25 45 0.04 0.96 0
100 180 0 0.43 0.57
200 360 0 0.62 0.38
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temperatures. Transformation start temperatures fell from 
632 to 603 °C (1170 to 1117 °F) as cooling rate increased, 
though transformation finish temperatures remained approxi-
mately steady at 494 and 493 °C (921 and 919 °F). Micro-
hardness increased 233 ± 9 to 248 ± 8 HV200 with increased 
cooling rate, indicative of the introduction of bainite.

Increasing cooling rate to 25 °C/s (45 °F/s) produced 
a microstructure that was primarily bainite with a small 
amount of acicular ferrite, as shown in Fig. 17d. Acicu-
lar ferrite was identified as light-etched grains with high 
aspect ratio that were not aligned in the same manner as 
bainite. Instead, acicular ferrite grains likely nucleated from 
Nb(CN) and grew in orientations corresponding to those 
precipitates rather than the parent austenite grain. These 
competing grains impinged upon one another, limiting 
growth and manifesting at room temperature as fine ferrite 
grains with higher aspect ratio than those associated with 
polygonal ferrite. Acicular ferrite is associated with a high 
degree of undercooling and thus with high cooling rates. 
In samples cooled at the same rate but heated to a lower 
peak temperature, the extensive network of prior austenite 
grain boundaries associated with the smaller grain size likely 
acted as more favorable nucleation sites for ferrite, allowing 
transformation of polygonal or quasipolygonal ferrite before 
reaching low temperatures where nucleation of acicular fer-
rite was energetically favorable. The temperature associated 
with initial transformation from austenite fell further from 
that of more slowly cooled samples, measured to be 567 °C 
(1053 °F) for the sample cooled at 25 °C/s (45 °F/s). This 
likely corresponded with the bainite transformation, with the 
proportion of acicular ferrite too small to discern in the dila-
tion curve, though acicular ferrite is also associated with low 
transformation temperatures. Martensite was not observed in 
micrographs, though the low transformation finish tempera-
ture of 424 °C (795 °F) supports its presence in very small 
amounts. The large standard deviation of microhardness data 
is also indicative of the wide range of phases: microhardness 
was measured to be 266 ± 22 HV200. Further increases in 
cooling rate to 100 and 200 °C/s (180 and 360 °F/s) resulted 
in dual phase microstructures of bainite and martensite, with 
bainite transformation start temperatures of 535 and 536 °C 
(995 and 997 °F), respectively. The martensite start tempera-
ture was difficult to discern, but appeared to be 490 °C (914 
°F) for both specimens. This transformation completed at 
408 and 404 °C (766 and 759 °F) for the 100 and 200 °C/s 
(180 and 360 °F/s) samples, respectively. Microhardness val-
ues were also quite similar, measuring 302 ± 17 and 295 ± 12 
HV200. Optical micrographs of these two specimens are 
shown in Fig. 17e–f.

It is noted that in several dilation curves, there is a high 
temperature anomaly which is not associated with the 
microstructural evolution discussed previously. Under ideal 
experimental conditions the austenitic portion of the dilation 

curve would have an approximately linear slope. The dilation 
curves for samples heated to 1350 °C (2462 °F) each show 
two distinct portions, with the high-temperature portion 
appearing to decrease in dilation more rapidly with respect 
to temperature. This is not the result of a phase transforma-
tion; rather, it reflects deformation of the specimen by the 
small force exerted by the Gleeble jaws. The low strength of 
the material at such a high temperature was evidenced by the 
dip in the cooling portion of the CCT curves and was fur-
ther supported by micrographs showing enlarged austenite 
grains, which were present due to dissolution of strengthen-
ing precipitates and indicated a low strength microstructure 
in the high-temperature regime. The dilation curve returns to 
a linear rate of contraction as specimens recover strength at 
temperatures lower than approximately 1100 °C (2012 °F). 
The same phenomenon was observed in samples heated to 
1150 °C (2102 °F) but the reduced time at high temperatures 
rendered the effect less pronounced.

The phase transformation information developed here is 
critically important for ensuring that weld simulation soft-
ware can draw on thermo-physical and thermo-mechanical 
property information from the appropriate phases at the 
appropriate times during calculations. However, as men-
tioned at the beginning of this section, the identification and 
quantification of the micro-constituents based on the optical 
microscopy and SEM results provided is somewhat subjec-
tive. Therefore, the quantification of micro-constituents in 
Tables 4, 5, 6, and 7 should be considered semi-quantitative. 
Lastly, the results in Figs. 4, 5, 6, 7 highlight the importance 
of developing multiple HAZ-related CCT diagrams for any 
other projects seeking to complete similar testing for other 
alloys.

Weldment Microstructures

Metallographic specimens were removed from both weld-
ments and analyzed in a manner similar to the Gleeble 
specimens. Discussion of microstructures present corre-
spond to the HAZ of the second pass for each weldment, as 
the reheating experienced by the first pass confounded the 
analysis and did not directly correlate with thermal cycles 
undergone by Gleeble CCT specimens. All raw data for the 
charts can be found in [7].

The tee joint fusion zone was a mixture of coarse pri-
mary ferrite, acicular ferrite, and unidentified carbides. 
Figure 18 presents representative micrographs from HAZ 
of the tee joint. Figure 18a shows that the CGHAZ was 
composed of upper bainite with quasipolygonal primary 
ferrite. Figure 18b shows that the FGHAZ directly adjacent 
to the CGHAZ was composed of the same microstructures, 
with an increased proportion of ferrite. Figure 18c shows 
that as distance increased from the fusion line, bainite was 
no longer present in the FGHAZ. Instead, phases present 
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included quasipolygonal ferrite and islands of M/A constitu-
ent. These same phases appeared in the ICHAZ, as shown 
in Fig. 18d, with a finer grain size. The dilatometry speci-
men microstructures that most closely correspond with those 
observed in the fillet weld CGHAZ, FGHAZ, and ICHAZ 
are those associated with 10 °C/s (18 °F/s) cooling. There is 
good agreement with the microhardness values of the Glee-
ble samples cooled at 10 °C/s (18 °F/s), which fell within the 
range of 199–248 HV200, and those of the weldment HAZ, 
falling within the range of 165–255 HV200.

The light optical micrographs in Fig. 19 demonstrate 
placement of microhardness indents within the micro-
structural gradient of the tee joint’s HAZs. Figure 20 
shows the averaged measurements from the three linear 
patterns associated with each weld bead. Microhardness 
data are presented as distance from the fusion line, though 
the width of the heat-affected zone varied depending on 
location within the weldment (i.e., near the surface or the 
center of the plate) because of the small plate thickness. 

As such, care should be taken when comparing values 
taken at the same distance from the fusion line, as they 
do not necessarily correspond with the same region of the 
HAZ. Inconsistencies also exist between microhardness 
values at the same linear distance from the fusion line due 
to challenges associated with collecting hardness traverses 
perpendicular to the non-semicircular HAZ boundaries in 
thin plates. Nevertheless, trends for the HAZ microhard-
ness were consistent for microhardness patterns measured 
in comparable locations of each bead (e.g., patterns 1 and 
2). There was a significant increase of approximately 26 
HV200 for measurements in the fusion zone and CGHAZ. 
Microhardness then fell steadily with distance from the 
fusion line. The softest region was the ICHAZ, with 
values reaching as low as 203 HV200 before beginning a 
steady increase toward the average base metal hardness 
of 246 HV200. Pattern 3 did not follow this trend. Due to 
its placement between the two weld beads, this material 
experienced reheating from deposition of the second weld 

Fig. 18   Representative light 
optical micrographs of the 
second pass of the HSLA-80 tee 
joint showing the a CGHAZ, b 
FGHAZ close to the CGHAZ, 
c FGHAZ close to the ICHAZ, 
and d ICHAZ

Fig. 19   Composite image of 
light optical micrographs of the 
HSLA-80 fillet weld showing 
placement of microhardness 
indents. Indents appear as sets 
of parallel lines of black dots on 
the left, center, and right sides 
of the image
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bead and it was difficult to discern a clear pattern over the 
length of this traverse.

The same analysis was carried out for the butt joint weld-
ment. The fusion zone of the butt joint mirrored that of the 
tee joint, with a mixture of acicular ferrite, primary ferrite, 
and unidentified carbides. Heat from the second pass was 
sufficient to anneal the edge of the fusion zone of the first 
pass, resulting in polygonal ferrite near the fusion line. Opti-
cal micrographs of the HAZ are shown in Fig. 21. Similar 
microstructures were found in the butt joint and tee joint 
HAZs. The CGHAZ, shown in Fig. 21a, consisted of bainite 

and quasipolygonal ferrite. Neither region of the FGHAZ, 
shown in Fig. 21b–c, showed evidence of bainite. The region 
adjacent to the CGHAZ consisted of quasipolygonal ferrite 
and M/A constituent, with more refined ferrite observed in 
the region adjacent to the ICHAZ. The ICHAZ is shown in 
Fig. 21d and has a similar microstructural composition as the 
FGHAZ, with only polygonal ferrite and M/A constituent 
present. The ferrite grains in the ICHAZ had a much more 
equiaxed morphology than those in the FGHAZ.

Microhardness testing similar to that reported for the 
tee joint was performed on the butt joint, with a composite 

Fig. 20   Average Vickers micro-
hardness across the indents 
made for each fillet weld pass, 
as shown in Fig. 19. Error bars 
are one standard deviation. 
Values with a negative distance 
from the fusion line are in the 
fusion zone. Approximated 
HAZ regions are delineated by 
vertical dashed lines

Fig. 21   Representative light 
optical micrographs of the sec-
ond pass of the HSLA-80 butt 
joint showing the a CGHAZ, b 
FGHAZ close to the CGHAZ, 
c FGHAZ close to the ICHAZ, 
and d ICHAZ
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light optical micrograph shown in Fig. 22 that demonstrates 
placement of four linear microhardness patterns. Microhard-
ness was assessed near each weld toe in the butt joint, with 
values presented in Figs. 23 and 24 for the first and second 
pass, respectively. Microhardness values associated with the 
first pass were inconsistent between each weld toe due to 
differences in the extent of reheating done by the second 
pass. Microhardness pattern 1 followed a similar trend as 
measurements in the fillet joint, with a relatively high micro-
hardness in the CGHAZ that fell as distance increased into 
the FGHAZ and ICHAZ before rising again to approach base 
metal values. Pattern 2 had similar microhardness values in 
the CGHAZ which also decreased through the ICHAZ, but 
there was no measured hardness increase in the pattern as 
it approached the base metal. As shown in the composite 
micrograph, this is due to the overlap of pattern 2 and the 
HAZ of the second pass; there is no portion of pattern 2 
that reaches true base metal. The microhardness associated 

with the second pass follows the same pattern as those 
in the tee joint: relatively high microhardness in both the 
fusion zone and CGHAZ that dropped through the ICHAZ 
before increasing again toward base metal values. In general, 
microhardness values associated with the first pass of the 
butt joint were softer than those of the second, likely as a 
result of precipitate dissolution during reheating.

Microhardness values measured in the butt joint were 
overall slightly lower than those of the tee joint. The butt 
and tee joints had microhardness ranges of 166–249 and 
194–253 HV200, respectively. This is likely due to the differ-
ences in heat distribution between the two joint designs. The 
weld beads in the tee joint are spaced slightly further apart 
than those in the butt joint. Additionally, the angle of the 
welding torch used to deposit weld beads resulted in compar-
atively less overlap in thermal energy distribution. These two 
geometric factors somewhat isolated the two welded regions 
from one another in the tee joint configuration. Conversely, 

Fig. 22   Composite image of 
light optical micrographs of the 
HSLA-80 butt joint weldment 
showing placement of micro-
hardness indents. Indents appear 
as three sets of parallel lines of 
black dots on the left and right 
sides of the image

Fig. 23   Vickers microhard-
ness traverses corresponding 
to the indents shown in Fig. 22 
for welding pass 1. Error bars 
of one standard deviation are 
shown where two measurements 
were taken at the same distance 
from the fusion line



669Integrating Materials and Manufacturing Innovation (2022) 11:648–674	

1 3

the two weld beads in the butt joint were directly opposite 
one another, with heat input from the second pass reheating 
and effectively tempering the first weld bead. The differ-
ences in HAZ overlap are apparent in the low magnification 
images shown in Figs. 19 and 22.

Despite the difference in thermal cycles experienced by 
each weldment, the observed phases are nominally the same. 
Increased reheating may have caused a higher degree of pre-
cipitate dissolution in the butt joint HAZ, which would have 
contributed to its lower microhardness without significantly 
changing phase balance. The HAZ for each joint design can 
be approximated by Gleeble samples cooled at 10 °C/s (18 
°F/s).

Thermo‑Physical Property Analysis

The CTE values measured from the dilation curves (n = 5) 
were 1.5 × 10–5 ± 1.9 × 10–7  °C−1 (8.6 × 10–6 ± 1.0 × 10–7 
°F−1) for the untransformed base metal below 650 °C (1202 
°F) and 2.2 × 10–5 ± 9.1 × 10–7 °C−1 (1.2 × 10–5 ± 5.0 × 10–7 
°F−1) for austenite above 900 °C (1652 °F). A representative 
graph showing the CTE measurement is given in Fig. 25.

Temperature-dependent density values are shown in 
Fig. 26. A comparison dataset from a Navy ManTech study 
[23] conducted at the Naval Metalworking Center from the 
mid-2000s is also included. The ManTech-generated data 
are labeled “CTC”. Because the slopes of the lines (i.e., the 
CTE) are nearly identical, differences between the data can 
be primarily attributed to a difference in the room tempera-
ture density measurement techniques used between the two 
studies. This experimental variation likely exaggerated the 
difference between the true densities of material from each 
study.

The measured specific heat and thermal diffusivity data 
for HSLA-80 can be found in Figs. 27 and 28. The peaks 

or cusps in the data correspond to the effects of thermal 
energy absorption during phase transformations, particularly 
during the austenitic transformation between approximately 
700–900 °C (1292–1652 °F). As shown, the data from this 
study compare very well with the data generated in the Navy 
ManTech study [23]. The data from Figs. 26, 27, 28 were 
used in conjunction with Eq. 4 to calculate the temperature-
dependent thermal conductivity as shown in Fig. 29. Once 
again, the data coincides well with the previous reporting 
from CTC. The raw data points for all of the thermo-physical 
property graphs can be found in [7].

Thermo‑Mechanical Property Analysis

The elevated temperature mechanical testing was performed 
in accordance with ASTM E21 [13] rather than the stricter 

Fig. 24   Vickers microhard-
ness traverses corresponding 
to the indents shown in Fig. 22 
for welding pass 2. Error bars 
of one standard deviation are 
shown where two measurements 
were taken at the same distance 
from the fusion line

Fig. 25   Representative on-heating dilatometry curve for HSLA-80, 
showing typical CTE analysis and results
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ASTM E111 [45], which is prescribed when elastic modulus 
measurements are to be made. As such, it was determined 
that the experimentally measured elevated temperature 
elastic moduli were likely inaccurate. In order to provide 
elevated temperature modulus values for a HSLA-80 prop-
erty database, the data in Fig. 30 were adapted from the 
European standard for fire design of steel structures [46, 47]. 
Of the potential sources for this information, the European 
standard contained the most complete data covering tem-
peratures relevant to this study. Of the potential sources for 
this information, the European standard contained the most 
complete data covering temperatures relevant to this study. 
A room temperature elastic modulus of 210 GPa (30.5 Msi) 
was assumed [46], as it had been previously for DH36 [5] 
and HSLA-65 [6] steel. It was also assumed that rigorously 

Fig. 26   Density of HSLA-80 steel as a function of temperature. LIFT 
data measured using analysis of Gleeble-based dilation curves in 
accordance with Eqs.  2 and 3. CTC data is adapted from reference 
[23]. Error bars on LIFT data are one standard deviation from the 
mean of five tests

Fig. 27   Measured specific heat for HSLA-80 steel at various tempera-
tures. CTC data adapted from reference [23]

Fig. 28   Measured thermal diffusivity for HSLA-80 steel at various 
temperatures. CTC data adapted from reference [23]

Fig. 29   Calculated thermal conductivity for HSLA-80 steel at various 
temperatures. CTC data adapted from reference [23]

Fig. 30   Assumed elevated temperature elastic modulus for HSLA-80 
steel as adapted from references [46, 47]
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measured elastic moduli for HSLA-80 steel would be very 
similar to data presented in Fig. 30 because elastic properties 
tend to be consistent within a given material class (e.g., low 
alloy steel). Figure 31 shows the experimentally measured 
temperature-dependent 0.2% offset yield strength for HSLA-
80 base material, and Fig. 32 shows the measured tempera-
ture-dependent ultimate tensile strength (UTS). As expected, 
increased temperatures result in significant strength loss. At 
temperatures above 800 °C (1472 °F), the base metal micro-
structure is completely transformed to the weaker austenite 
phase, resulting in only minor differences in strength with 
increasing temperature.

Figure 33 shows the measured 0.2% offset yield strengths 
from specimens cycled to a peak temperature of 1350 °C 
(2462 °F) along with that of the base material yield strength 
for comparison. The stress–strain curves associated with the 
data are given in [7]. At room temperature, only the yield 
strength of the 100 °C/s (180 °F/s) specimen exceeded that 
of the base material. This is the result of the formation of a 

martensitic microstructure as opposed to the ferritic micro-
structure of the base material. For testing temperatures below 
600 °C (1112 °F), an increase in cooling rate was associ-
ated with higher yield strength. At room temperature the 
yield strength of the specimen cooled at 100 °C/s (180 °F/s) 
was 28% higher than the sample cooled at 1 °C/s (1.8 °F/s). 
While the base material experienced a distinct decrease in 
strength as testing temperature increased, the yield strength 
of thermally cycled specimens changed very little between 
the 22 °C and 200 °C (72 and 392 °F). For all temperatures 
higher than 200 °C (392 °F), strength decreased as testing 
temperature increased until values converged at the 600 °C 
(1112 °F) testing temperature.

Elevated temperature flow stress measurements for the 
HSLA-80 base material are shown in Fig. 34 for all tem-
peratures, and Fig. 35 highlights the flow behavior for tests 
at temperatures of 800 °C (1472 °F) and above. The raw 
data for these graphs can be found in [7]. The data are true 

Fig. 31   Measured elevated temperature 0.2% offset yield strength for 
HSLA-80 steel

Fig. 32   Measured elevated temperature ultimate tensile strength 
(UTS) for HSLA-80 steel

Fig. 33   Yield strength of simulated HSLA-80 CGHAZs after heating 
to 1350 °C (2462 °F) and cooling at different rates as compared with 
base material yield strength

Fig. 34   Elevated temperature flow stress behavior for HSLA-80 steel 
base material
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stresses and strains calculated by applying the traditional 
conversion equations to engineering stress–strain data pro-
vided by the test lab. Extensometers were used through 
yield, but for the protection of laboratory equipment, they 
were removed from each specimen between 2.0 and 5.7% 
strain at the discretion of the testing personnel. For all cases 
this removal occurred well before UTS was reached. As a 
result, the flow stress behavior is not fully characterized for 
those samples. It is possible, however, to extrapolate the 
work hardening behavior to the onset of necking using the 
UTS values. As expected, increasing the test temperature 
tends to flatten the flow stress curves, since work hardening 
is made more difficult by dynamic recovery and/or recrystal-
lization effects.

Flow stress curves for the thermally cycled HSLA-80 
are given in Figs. 36, 37, 38, 39. Since these tests were per-
formed under inert atmosphere at NSWCCD, the extensometer 

Fig. 35   Elevated temperature flow stress behavior for HSLA-80 steel 
base material at test temperatures above the austenitic phase transfor-
mation

Fig. 36   Flow stress behavior at various temperatures for HSLA-80 
steel after cooling at 1  °C/s (1.8 °F/s) from a peak temperature of 
1350 °C (2462 °F). Terminal data points are at the UTS

Fig. 37   Flow stress behavior at various temperatures for HSLA-80 
steel after cooling at 10  °C/s (18 °F/s) from a peak temperature of 
1350 °C (2462 °F). Terminal data points are at the UTS

Fig. 38   Flow stress behavior at various temperatures for HSLA-80 
steel after cooling at 25  °C/s (45 °F/s) from a peak temperature of 
1350 °C (2462 °F). Terminal data points are at the UTS

Fig. 39   Flow stress behavior at various temperatures for HSLA-80 
steel after cooling at 100 °C/s (180 °F/s) from a peak temperature of 
1350 °C (2462 °F). Terminal data points are at the UTS
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was not removed during the tests, and more complete flow 
stress information is available. Once again, the data are true 
stresses and strains calculated by conversion from engineering 
stress–strain data. Such conversions are invalid past the onset 
of necking, so the terminal data points in Figs. 36, 37, 38, 39 
are at the UTS. All raw data for these charts, along with the 
engineering fracture strains for the specimens, are found in [7].

Summary

Temperature-dependent material property data of a pedi-
greed plate of HSLA-80 steel from room temperature up to 
nearly the steel’s melting point were determined. The thermo-
physical properties investigated include specific heat, thermal 
diffusivity, thermal conductivity, CTE, and density. Thermo-
mechanical properties including yield strength, UTS, and flow 
stress were also measured. The temperatures associated with 
on-heating and on-cooling phase transformations and their 
variation with heating rate, cooling rate, and peak temperature 
were determined and used to develop welding-focused CCT 
diagrams. Investigation of HAZ microstructures from the CCT 
specimens and arc welds concluded the analysis. This effort 
is essential for increasing the fidelity of finite element models 
used to predict welding-induced distortion and residual stress 
in marine structures. The data generated in this program are 
provided to ESI for immediate incorporation into their SYS-
WELD software. The raw datasets of the collected data was 
uploaded to the University of Michigan’s Materials Commons 
data repository at [7]. Should other research groups want to 
expand on the provided data for HSLA-80, reach out to the 
corresponding author (C.R. Fisher) as un-used plate material 
is being stored at NSWCCD in preparation for future efforts.
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